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Abstract
We present a comparative study of the mechanical properties of body-centered cubic nanocrystalline iron (nano-Fe) and microcrystalline iron (micro-Fe) by in situ high-pressure synchrotron X-ray diﬀraction under triaxial compression. For nano-Fe with a starting
high dislocation density of 1016 m2, the peak broadening is almost reversible upon unloading from 8.6 GPa to atmospheric pressure,
indicating that no additional dislocations are built up during compressive deformation inside grains, at grain boundaries or twin boundaries. Furthermore, an orientation-dependent surface strain is found to be stored in the surface layer of the bcc nano-Fe, which is in
agreement with the core–shell model of the nanocrystals. For micro-Fe, a signiﬁcant and continuous peak sharpening and the associated
work softening were observed after the sample is yielded at pressures above 2.0 GPa, which can be presumably attributed to a pressureinduced dislocation annihilation. This ﬁnding/interpretation supports the hypothesis that the annihilation of dislocations is one of the
dominant mechanisms underlying the plastic energy dissipation. The determined yield strength of 2.0 GPa for nano-Fe is more than 15
times higher than that for micro-Fe (0.13 GPa), indicating that the nanoscale grain-size reduction is a substantially more eﬀective
strengthening mechanism than conventional carbon infusion in iron.
Ó 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Nanocrystalline materials, typically with grain sizes of
less than 100 nm, are excellent candidates both for fundamental studies of length-scale-induced new phenomena
and for novel technological applications based on
atomic-level structure control via materials design [1–5].
Over the last decade, extensive eﬀorts, both experimental
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(Cu [6,7], Al [8], Ni [9,10]) and theoretical [11,12], have
been devoted to revealing and understanding the deformation mechanisms of nanocrystalline materials. It has been
suggested that at a critical grain size, 20–40 nm for facecentered cubic (fcc) metals, grain boundary sliding and
migration become the dominant deformation mechanisms
because the stress to bow out dislocations approaches the
theoretical shear stress. However, most previous investigations were conducted using conventional uniaxial tensile
methods on fcc nanocrystalline metals and on a limited
number of dense specimens with necking where the deformation cannot drive the intrinsic mechanical behavior and
plastic deformation mechanisms in nanocrystalline
materials. Few deformation experiments, on the other

1359-6454/$36.00 Ó 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
doi:10.1016/j.actamat.2011.02.013

2. Experimental methods
The microcrystalline iron (micro-Fe, from Alfa Aesar)
used is 99.9% pure and has a grain size distribution of 3–
10 lm. This micro-Fe was also used as the starting material
for preparation of nanocrystalline iron (nano-Fe) using a
high-energy ball milling technique [17]. Micro-Fe powders
(5–8 g) were ball-milled for 30 h using a SPEX 8000 mill,
hardened steel vials and 30 1 g hardened steel balls. The
SEPX mill was operated inside an argon-ﬁlled glovebox
containing less than 1 ppm oxygen, so that any contaminant was Fe from the steel ball and vial. In Ref. [17], we
also calculated the dislocation density in nano-Fe based
on neutron diﬀraction peak proﬁle analysis. This analysis
shows that a great quantity of dislocations, with a density
of 1016 cm2, are generated and stored inside the particles
during the ball-milling process. The starting nano-Fe has
a bcc crystal structure and an average grain size of
12 nm, derived from the peak proﬁle analysis of diﬀraction
data. The in situ X-ray diﬀraction experiment was performed using a cubic-anvil apparatus installed on beamline
X17B2 of the National Synchrotron Light Source (NSLS),
Brookhaven National Laboratory [18]. The white radiation
from the superconducting wiggler magnet was used for
energy-dispersive measurements. The diﬀracted X-rays
were collected with a multi-element detector at a ﬁxed
Bragg angle of 2h = 6.69°. The nano-Fe and micro-Fe samples, sandwiched by NaCl powders, were packed into a
solid pressure medium made of a mixture of amorphous
boron and epoxy resin. NaCl was also used as an internal
pressure marker and the sample pressure was calculated
from Decker’s equation of state for NaCl [19]. At each
experimental condition, ﬁve NaCl diﬀraction peaks, 111,
200, 220, 222 and 420, were usually used to determine the
pressure. Within the accuracy of the Decker scale for NaCl,
the uncertainty in pressure measurements is mainly due to
the statistical variation in the positions of diﬀerent diﬀraction peaks and is less than 0.2 GPa in the pressure range of
this study.
The two Fe samples were compressed at room temperature up to 8.6 GPa, with X-ray diﬀraction data collected at
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hand, have been conducted in triaxial compression mode,
particularly on body-centered cubic (bcc) metals. Furthermore, some recent studies have revealed that grain boundaries [13–15] and twin boundaries [16] can act as
dislocation nucleation sites and hence govern the strength
of fcc materials; however, it is not known whether this
will happen in bcc metals. To fully understand the properties of nanocrystalline metals during deformation, especially the dislocation behavior, we have conducted triaxial
high-pressure compression deformation experiments on
both microcrystalline and nanocrystalline Fe using
in situ synchrotron X-ray diﬀraction with peak width
analysis. The two Fe samples were studied in a single
high-pressure experiment to allow direct and accurate
comparison of properties between the pair of samples.
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Fig. 1. Representative X-ray diﬀraction patterns for nano-Fe (red) and
micro-Fe (blue) at diﬀerent pressure conditions. The signiﬁcant peak
broadening of nano-Fe was observed as severe diﬀerential stresses built up
on the crystal grains at high pressure. The peak intensities of the hkl
diﬀractions are normalized for width comparison. Some minor peaks in
the patterns are lead (Pb) ﬂuorescence peaks, which do not change with P–
T conditions. (For interpretation of the references to color in this ﬁgure
legend, the reader is referred to the web version of this article.)

steps of 0.3–0.5 GPa during compression and at steps of
0.5 GPa during decompression. A counting time of
1 min is typically used for each diﬀraction pattern. Examples of X-ray diﬀraction patterns at selected conditions are
shown in Fig. 1; no phase transition to an hexagonal closepacked phase was observed in the experimental pressure
range.
The stress and strength of nano- and micro-Fe were
derived from peak proﬁle analysis. The detailed method
was outlined by Weidner et al. [20] and recently modiﬁed
by Zhao and Zhang [20,21]. Generally speaking, the polycrystalline diﬀraction proﬁle is a convolution function of
instrument response, grain size distribution and crystal lattice deformations along the diﬀraction vector. During highpressure compression experiments, the amount of peak
broadening indicates the distribution of deviatoric stress
along the diﬀraction vector, which is typically due to diﬀerent crystalline orientations relative to the loading direction,
and particularly to the stress concentration at grain-tograin contacts during the powder compaction [20–22].
The diﬀraction peak widths reach the maximum as the
deviatoric stress approaches the ultimate yield strength
and the sample material begins to ﬂow plastically. By monitoring the peak width variation of diﬀerent hkl diﬀractions
as a function of pressure, one can derive the diﬀerential
strain, and thus the yield strength of the sample materials.
3. Results and discussion
Following our previous work [21–23], we express the full
width at half maximum (FWHM) of diﬀraction peaks in
ångströms as Dd (FWHM). To facilitate peak width comparison between nano- and micro-Fe, we set the initial
(i.e. ambient pressure) peak width of diﬀerent hkl at zero,
and then normalize these relative to the corresponding
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maximum values observed; therefore, the normalized
FWHM is expressed as (Dd  Ddinitial)/(Ddmax  Ddinitial).
Inspection of Fig. 2 indicates that the peak width variation
of nano-Fe during pressure loading and unloading is substantially diﬀerent from that of micro-Fe. For nano-Fe
(Fig. 2a), the diﬀraction peaks broaden linearly with pressure up to 2.0 GPa, corresponding to the regime of elastic
deformation, and then at higher pressures deviate from linearity before reaching a plateau. Upon unloading, diﬀraction peaks are almost recovered to their original width, a
ﬁnding that is diﬀerent to our previous results on fcc
nano-Ni obtained using the same experimental tequnique
[22], which shows a 84% recovery in peak width.
An increasing dislocation density in coarse-grained metals has been considered as one of the main contributing factors behind the peak broadening [24]. Normally, for
microscale materials, the dislocations move and interact
with each other easily and also create new dislocations
when plastic deformation begins. A macroscopic manifestation of these processes, as experimentally demonstrated
in coarse-grained metals such as Cu [9] and Ni [23], is an
irreversible peak width broadening (up to 50%) in
unloaded samples relative to the undeformed states, a phenomenon that is generally attributed to the accumulation
of a residual dislocation network during the plastic deformation [9]. Following this line of reasoning, the striking
feature of an almost 100% peak width recovery in bcc
nano-Fe after unloading not only suggests that the dislocations are ﬁxed inside the grains but also infers that no additional dislocations are generated during the plastic
deformation. This conclusion is consistent with atomistic
computer simulations [11] in the sense that there exists a
critical length scale, typically less than 20–40 nm in fcc metals, below which a dislocation source can no longer propagate and interact with pre-existing structures or with each
other. In addition, a similar conclusion was drawn based
on the reversible peak broadening observed during the
deformation of fcc nano-Ni [9]. By the same token, the

a

dislocation nucleation at the grain and twin boundaries,
as observed in fcc nanocrystalline materials [13–16], does
not seem to happen in our bcc nano-Fe samples. All these
observations support the common belief that the mechanical property of nanocrystalline metals is primarily mediated by grain boundary behavior such as sliding and
rotating.
For micro-Fe (Fig. 2b), the diﬀraction peaks broaden
linearly with increasing pressure up to 1.7 GPa. Upon
further compression, we observed continuous peak sharpening with increasing pressure. At the highest pressure of
the experiment (8.6 GPa), the (1 1 0) peak width is even
sharper than its initial value. This behavior is peculiar
because it has thus far not been observed in other metals
[22] or in ceramic materials [23]. It is well recognized that
the diﬀraction peak width is primarily determined by three
main factors: (i) instrument contribution, (ii) crystallite size
eﬀect and (iii) inhomogeneous strain. It is also well known
that the crystallite size eﬀects on the diﬀraction peak width,
as described by the Scherrer equation, are limited to nanoscale particles and cannot be applied to micron-sized crystal grains. As a result, the presence/absence of grain growth
has no eﬀect on the observed peak width in micron-Fe.
Because of this, and also because dislocation is one of
major contributors to the inhomogeneous strain, we attribute this phenomenon to a pressure-induced dislocation
annihilation, which will be further discussed later in this
paper.
The FWHMs of the diﬀraction peaks can be used to
quantify the diﬀerential strain, e, introduced by stress heterogeneity, lattice deformation and dislocation density at
high pressure. The FWHMs can also be used to quantify
the contributions of instrument response (Ddins) and grain
sizes (Ddsize), in the form of [21,22]:
2

Dd 2obs =d 2 ðP Þ ¼ ðe2 þ Dd 2ins =d 2 Þ þ ðj=LÞ gd 2 ðP Þ;

where Dd obs and Dd ins are the observed peak width and the
peak width at a stress/dislocation-free state, respectively, d
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Fig. 2. Peak width vs. pressure for nano-Fe (a) and micro-Fe (b). The red circles are for the pressure loading process and the blue circles indicate the
unloading process. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)
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is the d-spacing of a given lattice plane, and L the material’s grain size, obtained via the Scherrer equation [25].
Note that Eq. (1) is essentially equivalent to the classic Williamson–Hall (W–H) method and its subsequent variations. With the FWHM expressed in ångströms, Eq. (1)
can be applied to any diﬀraction data, independent of
detection mode (energy dispersive, angular dispersive and
time-of-ﬂight). Eq. (1) is a typical Y = a + b  X plot.
Therefore, one can derive the apparent strain,
e2apparent ¼ ðe2 þ Dd 2ins =d 2 Þ, and the average grain size, L,
from the ordinate intercept and the slope of the Dd 2obs =d 2
vs. d 2 ðP Þ plot, respectively. Examples of such derivation
from diﬀraction data at ambient conditions are illustrated
in Fig. 3. For the micro-Fe sample (Fig. 3, right panel),
all the raw data line up quite nicely; however, for the
nano-Fe sample (Fig. 3, left panel), the raw data are highly
scattered, which was also observed in nanocrystalline Ni in
our previous work [22]. The observed data scattering can
be understood in terms of the so-called core–shell model
[26–28], which views a nanocrystal as two structurally distinct components, a crystalline component formed by small
single crystal and a surface layer characterized by a significant fraction of atoms at grain boundaries. The interatomic distance in the surface layer typically diﬀers
(reduced or expanded) from that in a perfect crystal lattice,
leading to internal strains within the surface atoms. This
surface/internal strain is crystal-orientation dependent,
and is responsible for the scattering on the Dd 2obs =d 2 vs.
d 2 ðP Þ plot. In recent years, Ungar and co-workers have
proposed a diﬀerent approach to account for diﬀraction
peak broadening as a result of line defects [24,29,30]. In this
approach, dislocations are assumed to be the main contributors to the residual strain and, correspondingly, the scatter in the so-called W–H plot (note that our Fig. 3 is a
modiﬁed W–H plot) is attributed to the anisotropy of the
dislocation strain ﬁeld.Due to concerns over the surface/
internal strain, we had previously induced a diﬀraction
elasticity ratio, DER, to correct this strain anisotropy

[22]. For nano-Fe, DER = (Ehkl/E110), where Ehkl is the
Young’s modulus for diﬀerent hkl lattice planes and E110
is the least compliant plane chosen as a reference. By scaling DER2 to the observed raw data, we correct the strain
diﬀerences on the individual lattice planes. The corrected
data, as illustrated in Fig. 3 (left panel), can be readily ﬁt
to a straight line in the Dd 2obs =d 2 vs. d 2 ðP Þ plot and allow
us to derive unambiguously the apparent strain and grain
size information. The DER2 correction for bcc nano-Fe,
along with our previous results on fcc nano-Ni [22], indicates that the surface/internal strain is not only stored in
the shell area of the nanograins but is also crystal-orientation dependent, and therefore provides another line of evidence that supports the core–shell model for a nanocrystal.
The apparent strains derived using Eq. (1) can be converted to the apparent stress through rapp ¼ Eeapp , where
E is the Young’s modulus of Fe. In this work, we assume
that nano- and micro-Fe have the same value of E,
211 GPa. The apparent stresses are plotted as a function
of pressure in Fig. 4. The initial diﬀerence between nanoFe and micro-Fe is due to residual stress, surface strain
and grain size eﬀects. As pressure increases, the grain-tograin contact stresses enhance at a much greater rate in
nano-Fe during the elastic–plastic transition region. In
Fig. 4 (left panel), we observe an obvious yield (kink) point
for nano-Fe at P = 2.1 GPa, corresponding to a yield
strength of Drnm
yield = 2.0 GPa. In micro-Fe (Fig 4, right
panel), the yield point is located at P = 1.7 GPa with
Drlm
yield = 0.13 GPa, which is in good agreement with the literature value [31]. The observed 15-fold strengthening in
nano-Fe is consistent with the classic Hall–Petch law
[32,33], which indicates a signiﬁcant increase in the strength
of the polycrystals as grain size decreases, though a totally
diﬀerent mechanism in involved here. For micro-Fe, the
plastic deformation is mediated by dislocation behavior.
Therefore, through the infusion of C atoms (or other impurities) into Fe, one can stop the movement of the dislocations and subsequently strengthen Fe, and obtain a yield
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Fig. 3. The plot of Dd 2obs =d 2 vs. d 2 (P) according to Eq. (1) at ambient conditions. (Left) The highly scattered raw data of nano-Fe are shown as the open
black circles and the data corrected by DER2 = (Ehkl/E110)2 are shown as solid blue symbols. The linear regression results of the DER2-corrected data are
shown by the straight lines; the ordinate intercepts provide apparent strains and the plot slopes provide grain size information. (Right) The raw data for
micro-Fe sample. It is clear that all the raw data line up quite nicely and no DER2 corrections are needed.
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Fig. 4. Apparent stresses of nano-Fe and micro-Fe plotted as a function of pressure, which includes both microstrain and instrument-zero eﬀects. The
“yielding” points are derived from the intersections of elastic loading and plastic work-hardening/softening stages.

strength of 0.6 GPa (for steel). However, in nano-Fe, the
plastic deformation is mediated by grain boundary behaviors, and the dislocations seem to be frozen inside the
grains such that the strength (2.0 GPa) becomes substantially higher than that of steel. Furthermore, nano-Fe
exhibits a signiﬁcant work hardening after yield, whereas
in micro-Fe, there is continuous work softening at pressures above 1.7 GPa.
It is well known that plastic deformation in coarsegrained metals is controlled by dislocation-mediated processes. For materials whose ﬂow stress is governed directly
or indirectly by dislocation interactions during plastic
stage, the Taylor relationship predicts the ﬂow stress of a
slip system to be proportional to the square root of dislocation density q:
r ¼ r0 þ Kq1=2 ;
where K is a constant. It is also recognized that the diﬀraction peak width of coarse-grained materials is proportional
to dislocation density during plastic deformation. The fact
that micro-Fe shows continuous peak sharpening and work
softening in the plastic stage indicates that dislocations partially annihilate as a result of propagation and interaction,
which in turn leads to the decrease in dislocation density.
Because dislocation interaction would also result in generation of new dislocations, it can be inferred that annihilation dominates the dislocation-mediated processes during
compressive deformation of micro-Fe. In metals, the plastic deformation during tensile tests is typically irreversible
and also leads to the work hardening and increase in dislocation density. The present ﬁndings on micro-Fe represent
entirely new phenomena associated with dislocation-mediated processes, either due to the pressure eﬀect and/or the
distinction between tensile and compressive modes of
deformation.
Energy dissipation during plastic deformation is another
important aspect of the mechanical properties of metals. It
is generally accepted that most of the externally applied
mechanical energy during plastic deformation is dissipated

as heat, with only a small proportion stored in the crystal
lattice as strain energy. The exact mechanisms by which
the mechanical energy is dissipated, however, have still
not been well understood. Although a number of hypotheses have been proposed [34], the subsequent debate has
focused on the roles of creation and annihilation of point
defects [34] and dislocations [35,36] during plastic deformation. To take our discussion in the preceding paragraph
one step further, our ﬁndings seem to be consistent with
the hypothesis that the annihilation of dislocations is the
dominant dissipative mechanism, and therefore sheds some
light on the plastic energy dissipation. In addition, as illustrated in Fig. 2, the dissipation loop (i.e. loading–unloading hysteresis loop) for micro-Fe is much larger than that
for nano-Fe, indicating an enhanced energy loss during
plastic deformation of micro-Fe. It can be hypothesized
that this enhanced level of energy dissipation provides a
suﬃcient driving force for dislocation annihilation to
occur.
4. Conclusions
In summary, we carried out a comparative study
between nanocrystalline and microscale bcc Fe under the
triaxial compression and determined their constitutive
properties from diﬀraction peak proﬁle analysis. We
observed a reversible peak broadening in nano-Fe during
loading/unloading, indicating that the plastic deformation
in nano-Fe, even with a starting high dislocation density
of 1016 m2, is no longer governed by dislocation-mediated
processes. Furthermore, an orientation-dependent surface
strain is found to be stored in the surface layer of the bcc
nano-Fe, which is in agreement with the core–shell model
of the nanocrystals. For micro-Fe, a signiﬁcant and continuous peak sharpening and the associated work softening
were observed after the sample yields, a peculiar ﬁnding
that can presumably be attributed to pressure-induced dislocation annihilation. This ﬁnding/interpretation supports
the hypothesis that the dislocation annihilation is one of
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the dominant mechanisms underlying plastic energy dissipation. Our results also show that the yield strength of
nano-Fe is 15 times larger than that of micro-Fe and more
than 3 times higher than that of carbon-infused iron (steel),
indicating that grain-size reduction is more eﬀective route
for strengthening iron.
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